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ABSTRACT: The origin of a dramatic loss of tensile strength in poly(4-methyl-1-pentene) [PMP] above
a major dynamic mechanical transition that occurs around 45 °C is explored. The usual mechanisms
associated with loss of strength in polymers are shown to be absent in this case. Viscous dissipation
disappears almost completely during deformation of PMP above the transition of interest here. A
thermodynamic analysis of reversible deformation is shown to provide remarkably good predictions of
the work of rupture under such conditions. The thermorheological responses of PMP suggest that the
transition of concern here is not accompanied by the onset of rapid backbone motions but by pendant
group motions. Indeed, 2D wideline separation (WISE) NMR, which correlates dynamics (via 1H widelines)
with structure (via 13C chemical shifts), clearly reveals that this transition is primarily accompanied by
the onset of rapid pendant group motions. Such motions, coupled with the relatively large inter-backbone
distances in PMP, provide the conditions necessary for elimination of viscous dissipation. These findings
require refinement of the previously held view that the transition around 45 °C in PMP denotes a glass
transition associated with the onset of rapid backbone segmental motions.

Introduction
Stereoregular poly(4-methyl-1-pentene) [PMP], as

produced commercially, is a copolymer with 95+% head-
to-tail, isotactic sequences of 4-methyl-1-pentene:

PMP has a low dielectric constant (2.12 at 25 °C and
102-104 Hz) and loss (dissipation factor at 10 MHz )
1.5 × 10-4) and also a very low bulk density (∼0.83
g/cm3).1 The dielectric constant is the lowest among all
synthetic resins that are reported in the literature. Its
crystalline and amorphous densities are very close to
each other,2 giving a high degree of optical transparency
to the material produced over a broad range of process-
ing conditions. In fact, at room temperature the crys-
talline phase is slightly less dense than that of the
amorphous phase, a manifestation of the helical con-
formation3,4 in which the bulky isobutyl groups provide
for a rather spacious crystalline unit cell.2 Crystalline
PMP has a melting temperature, Tm, of ∼245 °C, and a
reported glass transition, Tg, of ∼45 °C.5
PMP has potentially a wide range of applications,

owing to its optical and electrical properties, low bulk
density, high chemical resistance, and high permeability

to gases.6 Its mechanical properties are comparable to
other polyolefins at room temperature, with a melting
temperature that is higher than that of the common
polyolefins, polyethylene and polypropylene. These
intrinsically desirable characteristics have led to several
studies of the structure and properties of this polymer.
These have been described in a comprehensive review
by Lopez et al.5 However, a major impediment to broad
applications of this material is the significant deteriora-
tion of mechanical properties when the temperature is
raised above room temperature, still well below its
melting temperature. The tensile strength of PMP can
decrease by as much as 90% when the temperature is
increased from 25 to 80 °C.7,8

A number of dynamic mechanical studies as a func-
tion of temperature have been conducted.9-12 In the
region of room temperature to 200 °C, there is general
agreement that at least two major transitions exist in
PMP: one at 20-50 °C and another at 105-135 °C.
Both transitions also appear in dilatometry data,2
refractive index vs temperature curves, and thermally
stimulated current spectra.13 Each of these transitions
is accompanied by a drop in shear modulus by a factor
of 5. For comparison, the dynamic mechanical R transi-
tion of poly(1-butene) is accompanied by a factor-of-15
drop in shear modulus and identified as the glass
transition.12 The sharper transition in PMP at about
45 °C is typically defined as the glass transition. The
significantly broader transition at about 130 °C has been
associated with the onset of motions within the crystal-
line regions. X-ray diffraction studies as a function of
temperature reveal a more rapid lattice expansion (a
parameter of the unit cell) beginning at 125 °C.14,15 On
the other hand, dilatometric data showed that the 130
°C transition was much more evident in the completely
amorphous polymer compared to the crystalline poly-
mer.2 Oftentimes the peaks in the dynamic mechanical
loss factor curves contain shoulders; some researchers
have labeled the shoulders and thereby identified four
transitions in this temperature range.11
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Thus, the complex thermorheological spectrum of this
polymer is still largely unexplained. Since many ap-
plications may involve at least moderately elevated
temperatures under an anisotropic stress field, there is
a need to further characterize the nature and identify
the cause of changes in the mechanical behavior of PMP
as a function of temperature. We report here the results
of an extensive investigation that eliminates conven-
tional mechanisms for loss of strength in polymers as
the underlying cause of the dramatic temperature-
dependent decline of tensile properties in PMP. The
real mechanism is then identified phenomenologically
through the application of the results of a simple
thermodynamic analysis that shows a quantitative
correspondence to the experimental results. Solid-state
NMR is used to connect the macroscopic observations
with the molecular motions responsible for such obser-
vations.

Experimental Details
Two PMP filament bundles, one as-extruded (or “as-spun”)

and the other drawn at ∼110 °C to a draw ratio of 1.5, were
obtained from the research laboratories of Phillips Petroleum
Co. Each bundle consisted of 100 filaments, with the linear
densities of as-spun and drawn bundles being 236 and 157
dTex (g/10 000 m length of fiber bundle), respectively. An-
nealing studies on the fibers were performed in an air-
circulating oven preheated to ∼100 °C. For free length
annealing (FLA), fibers were freely hung from a metal frame.
For constant length annealing (CLA), the fibers were mounted
on the frame taut with a minimum tension. This frame was
introduced into the oven and removed after 2 min.
Differential scanning calorimetry was conducted using a

Perkin-Elmer DSC-7 in a nitrogen atmosphere at 20 °C/min.
The crystallinity of PMP was obtained from the ratio ∆H/∆Hc,
where ∆H ) measured heat of fusion of the sample and ∆Hc

) heat of fusion of the fully crystalline material, 61.7 J/g.16

Birefringence was obtained by measuring the refractive
indices with plane of polarization parallel and perpendicular
to the fiber axis, using an Aus Jena Interference microscope.
The birefringence reported for a fiber is obtained as the
average from a set of 10 measurements on individual fila-
ments. The refractive index of the immersion liquid used was
1.5.
Stress-strain curves of the fiber samples were obtained

using an Instron tensile tester, Model 1125. Gauge lengths
of 5 in. (127 mm) and nominal strain rates of ∼7 and 0.07
min-1 were employed. Average strength, elongation at break,
and work of rupture (strain energy at failure) were determined
from the stress-strain curves of 10 samples. A Polymer
Laboratories Minimat Tensile Tester was used to obtain the
stress-strain behavior at various temperatures from 28 °C to
100 °C. The fiber bundle was glued to a 1-cm cardboard tab.
The webs of the tab were cut after the sample had been
positioned between the clamps.
Dynamic mechanical thermal analyses were conducted at

1 and 10 Hz using a Seiko Instruments Model DMS 210
operating in the tension mode. An initial tensile force of 0.2
N was applied to the fiber bundle clamped at two ends at an
initial length of 10 mm. The tensile force was gradually
diminished as the temperature was increased at 2 °C/min from
-100 to +200 °C to compensate for the reduction in tensile
modulus. A thin ceramic paper was placed between the
sample and the clamps to avoid direct contact of the fiber with
the sharp edges of the metallic clamps in this instrument.
A Seiko Instruments TMA/SS120C thermomechanical ana-

lyzer was used to perform nonisothermal deformation analysis
(change in length as a function of temperature). The fiber
bundle (initial length 5 mm) was subjected to a fixed load, and
the temperature was increased at a rate of 10 °C/min. These
experiments were performed at constant loads corresponding
to initial stresses in the range 0.5-20 MPa.
Torsional moduli were estimated using a torsion pendulum

in a vacuum chamber at a pressure of 5 in. (12.7 cm) of

mercury. A single filament was glued to a cardboard tab that
was attached to the inertia disk, a small flat circular cardboard
disk, by means of an adhesive tape of constant dimensions;
the webs of the tab were cut so as to have identical tab pieces
on the bottom end for each fiber specimen. The procedures
for measuring the period of oscillation and for computing the
torsional shear modulus, with due account of viscous dissipa-
tion and aerodynamic drag, are described in the literature.17,18
Wide-angle X-ray diffraction measurements were conducted

using a Rigaku-Rotaflex RU-200 rotating anode generator,
operating at 100 mA and 45 kV, with a horizontal θ-2θ
diffractometer. Nickel-filtered copper KR radiation (wave-
length 0.154 nm) was used for all measurements. Azimuthal
scans were performed on the (200) reflection to compute the
Hermans orientation function, fc, using the Wilchinsky method.19
WAXD flat plate photographs of the samples, each wound as
a parallel array of filaments on the temperature-controlled
sample holder, were obtained with a Statton camera. A
sample-to-film distance of 5.5 cm, an exposure time of 2 h, and
a point collimation of 0.38 mm were used.
For the solid-state NMR experiments, as-received PMP

pellets (melt index ) 8, Aldrich Chemical Co.) were melt-
pressed into a cylindrical form (5.5-mm diameter) to fit into
the ceramic sample rotors. NMR spectra were taken on a
Bruker MSL 300 spectrometer (7 T) under magic-angle spin-
ning (MAS) at 4 kHz using recycle delays of 2 s. Proton and
carbon 90° pulses of 3.8-4.2 µs were used. The 13C CP/MAS
spectra were measured with a cross-polarization time of 1 ms.
The 2DWideline Separation (WISE) spectra20,21 were acquired
with either a 100-µs or 1-ms cross-polarization time. The
spectral width in the 1H (t1) dimension was 200 kHz: a dwell
time of 5 µs was incremented at least 64 times. Dwell times
of 40 µs in the 13C (t2) dimension were employed.

Results and Discussion

Initial Properties and Structure. Table 1 shows
the tensile modulus, breaking strength, and breaking
strain of as-spun and drawn fibers of PMP at room
temperature. The modulus is computed as the initial
slope of the stress-strain curve. The cross-sectional
area of the as-spun fiber bundle was determined to be
0.03 mm2 from bulk and linear density measurements.
This value was also confirmed by optical microscopy. It
is evident from these data that the change in mechanical
properties upon drawing to a draw ratio of 1.5 is
essentially negligible.
Calorimetric thermograms (DSC scans) for both drawn

and as-spun fibers were found to be very similar. Table
2 summarizes the DSC data. The crystallinity in these
fibers, obtained from the enthalpy of melting, is found
to be as high as 75%. No evidence for additional
crystallization was seen in the thermograms obtained
during heating to the melt. As observed previously for
PMP,22,23 and often for semicrystalline polymers in

Table 1. Properties of Poly(4-methyl-1-pentene) Fibers
Measured at Room Temperature before and after Heat

Treatment at 100 °C for 2 min

PMP fibers

tensile
modulus
(MPa)a

tenacity
(MPa)a

breaking
strain

crystal
orientation
function

as-spun
pristine 1949 235 0.30 0.91
heat-treated,

constrained
1957 235 0.30 0.92

heat-treated,
unconstrained

1952 232 0.30 0.92

drawn (draw ratio ) 1.5)
pristine 2030 242 0.28 0.91
heat-treated,

constrained
2041 245 0.28 0.91

heat-treated,
unconstrained

2030 240 0.29 0.89

a Assuming a constant density of 0.83 g/cm3.
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general, differential scanning calorimetry does not
provide unambiguous evidence for the presence of a
glass transition.
The refractive index measured with polarization

parallel or perpendicular to the fiber axis is found to be
the same, 1.47, indicating the birefringence to be ∼0.
However, this does not imply that the material is
isotropic, as one observes a high degree of orientation
in the fibers from wide-angle X-ray diffraction azimuthal
scans. The absence of any birefringence is a conse-
quence of the structural similarity of the main chain
and the pendant groups. The crystal orientation func-
tion, fc,z, was determined to be≈0.91 from the azimuthal
scan of the (002) reflection (2θ ) 9.3°) for both as-spun
and drawn fibers, indicating a very high degree of
crystalline orientation.
It can be seen clearly from the above-mentioned

observations that the PMP fibers in this study are well
crystallized, with highly oriented crystals. Although it
has not been established directly due to lack of intrinsic
optical anisotropy in PMP, the fibers should also possess
a significant anisotropy in the noncrystalline fraction
as a consequence of melt spinning and drawing. The
mechanical properties of PMP are only marginally
improved by drawing, a result that has been well-known
in industrial practice with this polymer.
Changes in Properties and Structure with Tem-

perature. Figure 1A shows the typical changes in
dynamic moduli, E′ and E′′, with temperature. A major
peak in tan δ is obtained around 45 °C, but no evidence

of other transitions at temperatures up to ∼180 °C is
seen for these fiber bundles. The storage and loss
moduli exhibit a steady decline, beginning at ∼40 °C.
The storage modulus at 50 °C is only 27% of its original
modulus observed below the transition temperature.
Figure 1B shows that a similar trend is observed in the
change of torsion modulus with temperature, that is,
the torsion modulus at 50 °C is only about a third of its
value at room temperature. The same trends are
observed in both as-spun and drawn fibers.
Figure 2 shows the elongation vs temperature ob-

tained at different stress levels in the nonisothermal
deformation analysis. The temperature at which the
slope of the elongation vs temperature curve tends to
infinity is the “failure” temperature at that particular
stress. This failure temperature falls rapidly with
increase in stress levels (Figure 3).
Figure 4 shows the stress-strain curves at different

temperatures for the drawn and as-spun fibers at two
strain rates, 7 and 0.07 min-1, that differ by 2 orders of
magnitude. These data confirm that PMP indeed
exhibits a pronounced drop in tenacity with increase in
temperature. The breaking strength at 100 °C is about
5% of its strength at room temperature. By integration
of the area under these stress-strain curves, the work
of rupture may be obtained and is plotted in Figure 5
as a function of temperature for the two deformation
rates (the computed curves will be described in the
following section). The differences in these work-of-
rupture curves for the two deformation rates is indica-
tive of differences in viscous dissipation at these rates.
Thus, while the viscous dissipation contribution to work
of rupture is significant at room temperature, it dimin-
ishes to less than 10% at temperatures of 70 °C and
above.
Table 1 provides a comparison of the mechanical

properties and the crystalline orientations, measured
at room temperature, before and after heat treatment
at 100 °C for 2 min. The stress-strain curves are

Table 2. Calorimetric Data Obtained for As-Spun and
Drawn (Draw Ratio ) 1.5) Poly(4-methyl-1-pentene)

Fibers

property as-spun drawn

melting temperature (°C) 238 238
heat of fusion (J/g) 46 47
crystallinity (%) 74 76
crystallization temperature (°C) 210 211
heat of crystallization (J/g) 46 45

Figure 1. (A) Storage modulus (E′) and loss modulus (E′′) of drawn PMP fibers as a function of temperature. Testing frequency
) 1 Hz. (B) Changes in torsion modulus of PMP fibers with temperature.

Macromolecules, Vol. 30, No. 11, 1997 Properties of Poly(4-methyl-1-pentene) Fibers 3295



identical for the samples tested before and after an-
nealing, irrespective of constrained or unconstrained
annealing conditions. The crystalline orientation func-
tions and the calorimetric thermograms also show no
significant changes.
Since no apparent mechanisms for any reversible loss

of order can be envisioned, it is unlikely that the loss of
mechanical properties at these temperatures results
from any disordering of the structure in the PMP fibers.
It is also important to note that no thermorheological
response that might indicate the onset of any such

changes, especially pronounced thermal stress or ther-
mal shrinkage, is observed when the fibers are heated
from room temperature to 100 °C (Figure 2). These
inferences are further corroborated by the wide-angle
X-ray diffractograms obtained at different temperatures.
The flat plate photographs (Figure 6) show that the
crystal structure and the orientational order of crystals
do not change even when the temperature is raised to
as high as 130 °C.
Mechanism for Loss of Strength in PMP at

Moderate Temperatures. The different observations
can be summarized as follows:
i. PMP does lose a substantial fraction of its mechan-

ical properties (tenacity, work of rupture) in tension
when its temperature is raised above room temperature,
especially above ∼50 °C.
ii. No evidence is found for any significant disorder-

ing of the structure at the temperatures associated with
this dramatic loss of strength. Also, the properties are
virtually unchanged from those of the original material
when the temperature is reduced back to room temper-
ature.
iii. The large reduction in mechanical properties

occurs with a major dynamic mechanical transition,
reported to be the glass transition of PMP. This
transition is clearly marked by a maximum in the loss
modulus, E′′, and a large decrease in both storage
modulus, E′, and torsional modulus of the PMP fibers.
It should be noted, however, that this transition is not
accompanied by thermorheological responses that are
invariably associated with the glass transition in ori-
ented semicrystalline polymers, such as the pronounced
onset of thermal shrinkage or development of thermal
stress.
iv. The viscous dissipation associated with tensile

deformation diminishes significantly when the temper-
ature is increased, vanishing almost completely, to less
than 10% of work of rupture, at temperatures above 70
°C.
The final point provided the key to quantitative

rationalization of the loss of work of rupture and
strength in PMP. It is based on a melting-dictated
thermodynamic limit to maximum reversible work of
deformation in all uncross-linked crystalline materials
that has been established by Abhiraman.24 The premise
here is that an upper limit to reversible work in uncross-
linked crystalline materials is set by a deformation-
dictated lowering of the equilibrium melting tempera-
ture to the deformation temperature, that is, raising of
the free energy of the solid material to that of the melt
at the deformation temperature. With the implied
absence of dissipation and some minor approximations
associated with differences in specific heats, the melting-
dictated maximum reversible work, Wmax

rev , is given by

where Wmax
rev (T) is the melting-dictated upper bound to

reversible work, that is, the reversible work of deforma-
tion that would lead to the equilibrium melting tem-
perature being reduced to the test temperature, T. ∆H*m
is the enthalpy of melting of unstrained PMP, and T*m
is the equilibrium melting temperature of unstrained
PMP.
The requirement of reversibility dictates that there

should be no dissipation during deformation, a condition
that is clearly approached in the deformation of PMP
at higher temperatures (Figure 5). The predictions

Figure 2. Deformation of drawn PMP fibers as a function of
temperature for various initial stress levels: (A) 0.7 MPa; (B)
1.6 MPa; (C) 3.3 MPa; (D) 4.9 MPa; (E) 6.5 MPa; (F) 13 MPa;
(G) 19.6 MPa. The temperature at which the slope tends to
infinity is the “failure” temperature at that stress.

Figure 3. “Failure” temperature of drawn PMP fibers as a
function of initial stress. Wmax

rev (T) ) ∆H*m(1 - T/T*m) (1)
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based on eq 1, with ∆H*m and T*m obtained experimen-
tally from calorimetric analysis, are also shown in
Figure 5 as the computed curves. There is a remarkable
agreement between the thermodynamically predicted
limit of reversible work and the experimentally observed
work of rupture under conditions that have been seen
to generate very little dissipation, that is, where it
becomes essentially independent of the rate of deforma-

tion. An unfortunate implication of this finding is that
the problem encountered in PMP with regard to its
precipitous loss of tensile properties at temperatures
well below its melting temperature is intrinsic to the
material.
Molecular Mechanism for Disappearance of Vis-

cous Dissipation in PMP. An important question
that arises here pertains to the reason for the almost

Figure 4. Stress-strain curves for as-spun and drawn PMP fibers at different temperatures: (A) strain rate ) 7 min-1; (B)
strain rate ) 0.07 min-1. Key (s) drawn; (- ‚ -) as-spun.

Figure 5. Comparison of predicted maximum reversible work of rupture and the experimental work of rupture (Wexp) at strain
rates of 7 and 0.07 min-1: (A) drawn fibers; (B) as-spun fibers. Excellent agreement is seen between the predicted and experimental
responses under conditions of negligible dissipation, i.e., at the high-temperature portions of the curves where the work of rupture
tends toward zero.
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complete elimination of viscous dissipation in tensile
deformation of oriented PMP at temperatures above its
45 °C dynamic mechanical transition. Since ther-
morheological responses that would be characteristic
manifestations of backbone motions in oriented poly-
mers were absent, the initial inference was that it had
to be related to pendant group motions.
Solid-state NMR was used to identify the mobile

entities in the PMP molecular structure as the temper-
ature is raised. Solid-state 1H NMR spectra were first
reported for this polymer in 1961; wideline spectra were
measured as a function of temperature from -196 to
+77 °C.25,26 The 1H line widths gradually decreased
with increasing temperature and then dropped sharply
at about 45 °C. At this temperature, the line shape
develops a bicomponent structure consisting of a narrow
component, characteristic of mobile moieties, superim-
posed on a broad component, characteristic of rigid
moieties. The sharp drop at 45 °C was identified as the
glass transition of PMP, and thus attributed to the side-
chain andmain-chain motions that accompany a typical
glass transition in a semicrystalline polymer. The
gradual decrease in the line width observed from -196
to 45 °C was attributed to side-chain motions.26

In Figure 7, solid-state 1H wideline spectra are shown
for PMP at 20 °C and 100 °C. Whereas the spectrum
at 20 °C is dominated by a broad component indicative
of a highly immobilized solid, the spectrum at 100 °C
exhibits a dominant sharp line flanked by spinning
sidebands. This indicates fast but anisotropic motion.20
Since the 1H spectra are completely dominated by the
side group, which carries 9 out of 12 hydrogen atoms,
this indicates rapid side-group motions subject to con-
straints imposed by a nonmobile backbone. In order to
proceed further, the dynamics must be assigned to
specific groups. However, structural information, as

Figure 6. Flat-plate wide-angle X-ray diffraction photographs
of drawn PMP fibers at different temperatures: (A) 30 °C; (B)
75 °C; (C) 130 °C. The crystalline structure remains essentially
unchanged in this temperature range.

Figure 7. 1H solid-state NMR spectra of PMP at 20 and 100
°C, recorded with MAS at 4 kHz.
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embodied in the chemical shift, is unresolvable in 1H
widelines. The needed structural information is con-
tained in the chemical shifts of the 13C CP/MAS spec-
trum of PMP labeled in Figure 8. The peak assignments
follow those of the high-resolution solution spectrum.27
A single peak is present for every chemically distinct
nucleus, with one exception: The backbone CH signal
appears as a doublet due to solid-state packing effects.
Shown for both 20 and 100 °C, the 13C spectrum of PMP
reveals absolutely no hint of the dynamical changes
reflected in the 1H wideline spectra at the same tem-
peratures (Figure 7).
The dynamical information of 1H wideline spectra can

be combined and correlated with the structural infor-
mation content of a 13C NMR spectrum in a two-
dimensional experiment in which the proton lines are
separated in a second dimension according to their
respective 13C chemical shifts. This experiment, 2D
wideline separation NMR (WISE NMR), has been used
successfully for examining the structure and dynamics
in various heterodynamic polymer systems.28-30 The 2D
WISE spectra for PMP are shown in Figure 9 at 20 °C
and at 100 °C. For the spectrum measured at 20 °C,
broad 1H line shapes for all carbons of PMP are
revealed. This indicates the absence of fast molecular
motion in the tens of kilohertz regime. The same
spectrum at 100 °C, measured 55 °C above the major
dynamic mechanical transition, contains narrowed 1H
line shapes only for the terminal side-group carbons.
This is seen along the 13C dimension of the 2D WISE
spectrum in the area between the side-group CH and
CH3’s. It is marked by an arrow and more clearly seen
in the 2D WISE spectrum of Figure 10, which was
recorded with a longer cross-polarization time. WISE
spectra generally discriminate against highly mobile
components since the signal evolution depends on the
transfer of magnetization via dipolar couplings from the

1H’s to the 13C’s. The cross-polarization time is the
period in the experiment during which this transfer
takes place; thus, increasing this period allows for more
magnetization from the highly mobile 1H’s to transfer
and appear in the 2D spectrum (dipolar couplings are
much weaker for highly mobile segments). The only
caveat is that the increased CP time also allows for spin
diffusion to take place.31 Spin diffusion occurs via
successive spin flips of dipolar-coupled nuclei, and can
lead to signal equilibration across the entire sample.32
This is seen in Figure 10 where all the 1H line shapes
now appear triangular as a result of spin diffusion from
the side-chain CH and CH3’s.
The appearance of the motionally-narrowed peak at

a position shifted from the positions of the side-group
CH (25.2 ppm) and CH3’s (21.7 ppm) is most likely the
result of a difference in the conformation of mobile vs
immobile side groups. Conformation effects can cause
shifts of up to 4-5 ppm and are well-known in solid-
state NMR.33,34 The narrow component cannot be
connected with the backbone carbons because its chemi-
cal shift (23.6 ppm) is too far removed from the backbone
CH2 (41.3 ppm) to be a conformationally shifted varia-
tion of this signal. While the backbone CH signal
(doublet: 28.7, 29.8 ppm) is close enough, it is expected

Figure 8. 13C CP/MAS solid-state NMR spectra of PMP at
20 and 100 °C. Chemical shift values are given in the text;
“sc” means “side-chain” (since CH3’s only exist in the side
chains, these are not labeled with “sc”).

Figure 9. Two-dimensional WISE NMR spectra of PMP at
20 and 100 °C. The cross-polarization time is 100 µs. For the
spectrum measured at 100 °C, a narrowed 1H line shape is
detected in the 13C region between the side-group CH and
CH3’s (indicated by an arrow).
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that rapid motion of the backbone would result in the
narrowing of both backbone carbon signals, and this is
not observed. Since the side-chain CH2 signal (45.3
ppm) remains broad, the motion must involve a rotation
around the side-chain CH2-CH bond.
Goldman-Shen experiments35 at 100 °C (50-µs dephas-

ing time) suggest the highly mobile side groups are
primarily located within the more mobile regions of the
material, most likely the noncrystalline or amorphous
phase. According to Williams, Landel, and Ferry, the
time scales of molecular motion in amorphous polymers
should be shifted by more than 100 kHz from Tg to Tg
+ 50 °C,36 which would lead to a narrowing of 1H
widelines. In semicrystalline systems, the restraints
provided by crystallites would undoubtedly raise this
temperature. Linear polyethylene exhibits a dynamic
mechanical glass transition of about -110 to -100
°C.37,38 2H NMR studies of 2H-labeled polyethylene
reveal that all noncrystalline methylenes exhibit re-
stricted anisotropic mobility at -80 °C on a time scale
of about 20 kHz.39 For PMP, despite being 55 °C above
the widely presumed Tg, motionally narrowed 1H lines
are not observed for the backbone motions on this time
scale, but only for the side groups. No indications of
fast main-chain motion have been found. Rotation of
the pendant groups, combined with the very low density
of packing of the main chains (moles of chains per unit
cross-sectional area in PMP is ∼1/2 of that in polypro-
pylene and ∼1/4 of that in polyethylene), generates a
self-lubricated system manifested by negligible dissipa-
tion during deformation of this polymer.
Similar behavior has been reported for some copoly-

glutamates with alkyl side chains.40 Described as “hairy
rod” molecules, these polymers exhibit three dielectric-
active relaxation processes, and a calorimetric Tg of -35
°C. Solid-state NMR studies show that the peptide
backbone does not relax, but maintains its helical
conformation at least up to 97 °C, the same temperature
at which PMP exhibits fast motions for the side chains
only. It is possible that the chain motions traditionally
associated with glass transitions in semicrystalline
polymers occur in PMP at temperatures higher than 45
°C. Using 2D 13C exchange NMR, slow motions (time
scales of milliseconds to seconds) were detected in PMP
at 100 °C, although unambiguous assignments to spe-

cific structural units of the polymer were not possible.
As discussed earlier, dynamic mechanical analyses have
shown as many as four loss peaks between room
temperature and 200 °C. A detailed analysis of these
transitions, their associated molecular motions and
thermorheological consequences is necessary before any
definitive conclusions can be reached regarding the Tg
of PMP.
The work presented here represents the merging of

two originally independent studies: one on the mor-
phology and temperature-dependent mechanical proper-
ties of PMP fibers and the other on temperature-
dependent solid-state NMR spectroscopy of PMP mold-
ings. Each was found to reinforce the inferences made
from the other. While it would be most appropriate to
have all the data from the same materials, the conclu-
sions drawn here from the NMR studies pertain pri-
marily to side-group motions, which are much less
influenced by morphological differences thanmain-chain
motions. Evidence of this was provided by acquiring
the 1H wideline spectra of the PMP fibers. The spectra,
obtained at 20 and 100 °C, are identical to the corre-
sponding spectra of the moldings shown in Figure 7.
Ultra-drawn PMP exhibits a room-temperature stress-

strain behavior that is dramatically different from that
of normally processed PMP.41-43 The dissipative char-
acteristics as well as the consequences of the 45 °C
transition in the stress-strain behavior may also be
different in ultra-drawn PMP. This highly crystalline
PMP should be explored, especially with respect to any
implications regarding molecular motions in the crystal-
line and noncrystalline phases.

Conclusions

It is clear that the performance limits of PMP are
determined by thermodynamics of melting-dictated
initiation of failure, with negligible contribution from
viscous dissipation at temperatures above a major
dynamic mechanical transition that occurs around 45
°C in this polymer. The molecular origin of this
phenomenon has been found to be in the motions of the
pendant group, especially rapid rotation about the side-
chain CH2-CH bond. Such rotation of the pendant
group, combined with the very low density of packing
of the chains, generates a self-lubricated system, caus-
ing negligible dissipation during deformation of this
polymer. This finding requires revision of the previ-
ously held view that the transition around 45 °C in PMP
denotes a classical glass transition accompanied by the
onset of significant backbone segmental mobility. It also
raises the prospects for research on fundamental mech-
anisms governing viscous dissipation during deforma-
tion of solid polymers.
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Figure 10. Two-dimensional WISE NMR spectrum of PMP
at 100 °C measured with a longer cross-polarization time (1
ms) to allow for more magnetization transfer from highly
mobile 1H’s. The arrow marks the highly mobile component.
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